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Hypersonic flight involves extremely high velocities and gas temperatures with the
attendant necessity for thermal protection systems (TPS). New high temperature materials
are needed for these TPS systems. A systematic investigation of the thermodynamics of
potential materials revealed that low oxidation rate materials, which form pure scales of
SiO2, Al2O3, Cr2O3, or BeO, cannot be utilized at temperatures of 1800◦C (and above) due to
disruptively high vapor pressures which arise at the interface of the base material and the
scale. Vapor pressure considerations provide significant insight into the relatively good
oxidation resistance of ZrB2- and HfB2-based materials at 2000◦C and above. These
materials form multi-oxide scales composed of a refractory crystalline oxide (skeleton) and
a glass component, and this compositional approach is recommended for further
development. The oxidation resistance of ZrB2-SiC and other non-oxide materials is
improved, to at least 1600◦C, by compositional modifications which promote immiscibility
in the glass component of the scale. Other candidate materials forming high temperature
oxides, such as rare earth compounds, are largely unexplored for high temperature
applications and may be attractive candidates for hypersonic TPS materials.
C© 2004 Kluwer Academic Publishers

1. Introduction
The 21st century has ushered in a new, exciting era
of hypersonic flight. Hypersonic flight vehicles include
sub-orbital and earth-to-orbit vehicles for rapid global
and space access missions. A common aspect of these
future systems is the need for new high-temperature
materials. Hypersonic vehicles with sharp aerosurfaces,
such as engine cowl inlets, wing leading edges (LEs),
and nosecaps, have projected needs for 2000 to 2400◦C
materials which must operate in air and be re-usable.

At this time, there are few, if any, off-the-shelf ma-
terials to meet these future hypersonic thermal protec-
tion system (TPS) needs. State-of-the-Art high temper-
ature materials include carbon-carbon composites (C-
C) and silicon carbide-based (SiC) composites, such as
C-SiC and SiC-SiC. Ultra-High-Temperature Ceram-
ics (UHTCs), such as Zr(Hf)B2-SiC, are being devel-
oped but are less mature at this time. Carbon-carbon
composites have very high temperature structural ca-
pabilities but are not oxidation-resistant. Coatings have
been and are being developed for oxidation-resistance,
but cyclic life capabilities are modest due to the diffi-
culties of managing the thermal expansion coefficient
(CTE) mismatch between the C-C composite and the
coating systems. The SiC-based composites exhibit ox-
idation resistance up to 1600◦C in hypersonic environ-
ments, but thermal cycling lifetimes are also modest
due to CTE- mismatch-induced matrix cracking which

allows direct oxidation of the carbon fiber reinforce-
ment. The UHTCs, based on the diborides of zirconium
and hafnium, have exhibited relatively good oxidation
resistance above 1600◦C. The oxidation mechanisms
of these materials are not well understood. Recent
Navy efforts to understand UHTC oxidation mecha-
nisms, and to develop new, highly oxidation-resistant
2000◦C materials, are presented here. This paper de-
scribes prior development of ultra-high-temperature,
oxidation-resistant materials; thermodynamics and ki-
netics principles related to oxidation; theoretical as-
pects of the oxidation of UHTC materials; and experi-
mental results associated with compositional variations
of UHTC materials.

2. Developmental history
Distinct lines of research have contributed signif-
icantly to our current understanding of oxidation-
resistant ultra-high temperature materials: coating sys-
tems for refractory metals and subsequent develop-
ment of oxidation-resistant intermetallic compounds,
oxidation-resistant graphite compositions, and the de-
velopment of boride-based UHTCs.

The structural usefulness of refractory metals, and
their lack of high temperature oxidation-resistance, mo-
tivated the pursuit of oxidation-resistant coatings. Con-
siderable research was conducted, especially in the
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1960s, and a number of texts summarizing the devel-
opments are available [1–5]. Although a broad range
of materials was investigated, a significant proportion
of the work was based on compositions containing sil-
icon (Si), aluminum (Al), and chromium (Cr). Packer
[6] summarized research on silicides, and an important
conclusion is the significance of low pressure and high
temperature environments on limiting the life of such
materials and coatings. Perkins and Packer [7] iden-
tified the maximum temperature capability of MoSi2
coatings as 1800◦C in atmospheric pressure (hyper-
sonic) environments. Recent research on the oxidation
of intermetallics, especially emphasizing aluminides
for gas turbine applications, has been compiled by
Grobstein and Doychak [8].

Oxidation-resistant graphite compositions were de-
veloped in parallel with refractory metal coatings in
the 1960s [9, 10]. One of the most important compo-
sitions, designated “grade JTA” graphite [9], was opti-
mized for oxidation resistance at 2000◦C. It used ad-
ditions of ZrB2 and Si (balance carbon) at an approx-
imately 50 weight percent basis. Further optimization
using transition metal additions (e.g., niobium) were
found to improve oxidation performance at high tem-
peratures, but with the penalty of poorer performance
at lower temperatures. Krivoshein and coworkers [11]
reported that Nb additions (10 wt%) improved oxida-
tion performance of ZrB2-SiC modified graphite, but
that V additions at the same level provided maximum
improvement.

Significant research was reported on the refractory
boride compounds beginning in the late 1940s with
crystal structure [12] and melting point [13] measure-
ments. An initial survey of the oxidation resistance of
transition metal diborides up to 1500◦C revealed that
the group IVb compounds were the most resistant [14].
A survey of oxidation resistance of the diborides of
Hf, Zr, Ti, Ta, and Nb from 1200 to 2200◦C (induc-
tively heated samples in flowing He-O2 mixtures) also
revealed that HfB2 was the most oxidation resistant,
followed by ZrB2. The temperature dependence of the
oxidation data for both compounds indicated signifi-
cant rate changes at the respective metal oxide phase
transition temperatures [15]. Oxidation testing in flow-
ing He-O2 mixtures with H2O (at 613 Pa) exhibited a
five-fold increase in oxidation rate of HfB2 at 933◦C
versus the nominal dry He-O2. Similar oxidation mea-
surements at 1487◦C showed no rate difference [16].
Additional oxidation studies on ZrB2 and HfB2 demon-
strated that metal-rich compositions (e.g., HfB1.7) ox-
idized at lower rates (by up to a factor of 50) versus
boron-rich compositions (e.g., HfB2.12) [16].

Numerous investigations to improve the oxidation re-
sistance of ZrB2 and HfB2 have been reported [17–20].
Compositions with 5 to 50 vol% SiC were investigated
for both ZrB2 and HfB2 over a wide range of test tem-
peratures and pressures; 20 vol% compositions were
judged optimal for hypersonic vehicles in a series of
efforts supported by the US Air Force [16, 19, 21–23].
Additions of C (5, 10, 15, 20, 30, and 50 vol%) im-
proved thermal stress resistance, but were detrimental
to oxidation resistance at all proportions. Additions of

Cr (10 mol%), Al (20 mol%), and Ta (30 mol%) were
found to be detrimental to oxidation resistance. An ad-
dition of 4 vol% of a Hf-20 at.%Ta alloy had no effect
on the oxidation properties, although the metal phase
was converted to the carbides during the hot-press fab-
rication process. Excess Hf metal additions to produce a
50 mol% HfB2 + 50 mol% HfB composition exhibited
rapid, preferential oxidation of the HfB phase. Addi-
tions of silicon to substitute on the boron sub-lattice
yielded a HfB2 + “HfSi” skeletal phase which also ex-
hibited rapid, preferential oxidation. (It is noted here
that “HfSi” was identified by X-ray diffraction; other
Hf-Si or Zr-Si second phases are possible, but have
not been explored for oxidation response.) Additions of
SiB6 (10 and 20 vol%) were found to increase oxidation
resistance, but were not superior to SiC additions.

Other systematic studies of additions into ZrB2 and or
HfB2 have been conducted. Shaffer [24] evaluated the
oxidation resistance of ZrB2 with additions of the disili-
cides of Ta, Nb, W, Mo, Zr, Mo0.5Ta0.5, and Mo0.8Ta0.2,
as well as Zr5Si3. The additive amounts were not spec-
ified, however, and only the conclusion was stated that
MoSi2 was “unquestionably the best.” Additional oxi-
dation experiments with varying proportions of MoSi2
(1 to 20 mol%) were conducted at 1950◦C and revealed
the optimum composition to be 10 mol%. The ZrB2
+ 10 mol%MoSi2 composition was marketed by the
Carborundum Company (US) under the Trade name
“Boride Z”.

Pastor and Meyer [25] evaluated the oxidation resis-
tance of ZrB2 with additions of MSi2 or M5Si3, where
M is a transition metal Zr, Ta, Cr, Mo, or W. On the
basis of scale thickness measurements after oxidation
testing for up to 100 h at 1200 and 1400◦C, the ZrB2
+ 15 wt%CrSi2 composition was found to be the most
oxidation resistant.

Lavrenko and coworkers [26] reported that a ZrB2 +
50 wt%ZrSi2 composition was more oxidation resistant
than MoSi2 and WSi2, and could be used up to 1700◦C.
However, since oxidation data only up to 1200◦C are
reported, it is not clear how the conclusion is supported.

The oxidation kinetics mechanism(s) of the diboride-
based materials are only partly understood despite sig-
nificant research. Oxidation kinetics measurements are
typically based on weight change or scale thickness
changes with time upon exposure to a known tem-
perature and oxidizing atmosphere. However, weight
change and scale thickness measurements are con-
founded by simultaneous oxidation and vaporization
(of BOx vapor species) processes. Total oxygen con-
sumption measurements (per unit area of sample) have
been utilized to overcome this limitation [27].

Initial oxidation studies were conducted in 1955 on
porous ZrB2 samples from 649 to 1315◦C [28]. The
oxidation kinetics were found to be parabolic, the rates
increased with oxygen partial pressure, and the pres-
ence of H2O also increased the oxidation rate.

Berkowitz-Mattuck measured total oxygen con-
sumption for ZrB2 over a higher temperature range
(1200–1530◦C) and a lower oxygen partial pressure
(Po2) range (1070 to 5200 Pa) in helium (He) at 1.01 ×
105 Pa total pressure [27]. Parabolic rate kinetics were
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also observed, as were modest increases in oxidation
rates with increasing Po2. From metallographic exam-
ination of tested samples, it was concluded that oxida-
tion proceeded by inward diffusion of oxygen, and it
was suggested that oxygen diffusion through ZrO2 was
the rate controlling step.

Kuriakose and Margrave measured weight changes
for ZrB2 over the temperature range of 945–1256◦C
and also reported parabolic oxidation kinetics [27, 29].
At 1056◦C they observed that the parabolic rate con-
stant increased directly proportional to Po2 (range was
1.36 × 104 to 9.92 × 105 Pa at 1.01 × 105 Pa total pres-
sure with balance He). Berkowitz-Mattuck extended
the oxidation kinetics studies of ZrB2 to understand the
change in Po2 dependence with temperature [30, 31].
The Po2 dependence was confirmed at a test tempera-
ture of 927◦C, but no dependence was found at 1557◦C.
Additional testing also revealed a significant change
in the activation energy at 1057◦C, changing from 20
kcal/mole below this temperature to 70 kcal/mole above
it. Abrupt changes in the oxidation rate kinetics were
also observed at the temperatures corresponding to the
monoclinic to tetragonal oxide phase transitions for
both ZrB2 and HfB2.

Other oxidation studies have been conducted on the
oxidation kinetics of ZrB2, HfB2, and their respective
SiC-modified compositions [32–40]. Oxygen diffusion
through the B2O3 liquid phase was identified as the
rate limiting step associated with oxidation of the pure
diborides up to approximately 1200◦C. Above this tem-
perature, the increased oxidation rates were attributed
to oxygen transport through the ZrO2 or HfO2 phase.
The addition of SiC was found to significantly increase
the temperature range of the glass as the primary oxy-
gen barrier. A two layer scale was observed to form with
HfO2 inner and SiO2 outer components. The reduction
in oxidation rate was observed above 1350◦C. Below
this temperature, SiC inclusions are found in the HfO2
scale since the SiC particles do not oxidize significantly
to generate the SiO2 glass component [34].

Low temperature oxidation studies have also been
conducted for these borides. Preferential oxidation of
the Zr or Hf at 500◦C at an oxygen pressure of 1.3 ×
10−3 Pa has been reported. Boron inclusions, which co-
alesced into layers, were observed in the oxide scale.
Solution of oxygen into the diboride lattice was also re-
ported [36]. Changes in the oxidation mechanism were
noted at approximately 500◦C [37].

In addition to the diborides, other materials were
investigated for potential hypersonic applications
[20, 41–44]. Materials based on ZrC and HfC were
extensively studied, but were found to oxidize (non-
protectively) below 1800◦C, which eliminated them
from consideration for the temperature cycling hy-
personic applications. Additions of SiC did not solve
the rapid oxidation at low-temperatures. Hafnium-
tantalum alloys (e.g., Hf-20 at.%Ta) were found to ex-
hibit good oxidation behavior, but were limited by the
relatively low melting point of 2000◦C at this composi-
tion. Iridium coatings on graphite were also evaluated,
but were judged costly and not sufficiently refractory
due to the Ir-C eutectic at 2296◦C. The viscosity of

SiO2 was significantly increased by the addition of W
powder in 10 and 20 vol% additions. These materials
exhibited increased sensitivity to thermal stress failure
and deformed by viscous flow into blunt shapes. Since
hypersonic applications typically require the high tem-
perature materials to retain sharp radii for leading edges
and propulsion inlets, this shape change was unaccept-
able. By the early-1970s, the ZrB2- and HfB2-based
materials were identified to be the most promising for
hypersonic applications with cyclic exposure from am-
bient temperature up to 2700◦C [18, 41, 42].

Prior materials development for hypersonic applica-
tions does not include significant emphasis on oxide
materials. They have not been pursued for these appli-
cations due to the demanding structural and thermo-
structural requirements of such systems, and low ther-
mal shock resistance of oxides in general. It must be
asked whether the optimized choice of hypersonic ma-
terials should be oxide or non-oxide materials. Oxide
materials are, at best, intrinsically resistant to oxida-
tion. However, oxide-oxide composites for 2000◦C us-
age do not currently exist, and current and developmen-
tal oxide composites for aircraft applications cannot be
used to that temperature. Such ultra-high-temperature
oxide composites will likely be very costly due to the
need to develop new creep-resistant reinforcements and
suitable fiber-matrix interface materials to evade brittle
fracture behavior. In addition, oxides and oxide com-
posites incur significant design penalties due to their
relatively high CTE and stiffness, and low thermal con-
ductivity. Such a new 2000◦C oxide composite would
have to be developed for dedicated hypersonic applica-
tion at very high cost. However, the payoff of intrinsic
oxidation resistance requires a continuing look into ox-
ide materials for these applications.

The materials selection process presented here ad-
dresses the optimization of non-oxide ceramic compo-
sitions for high temperature hypersonic applications.

3. Oxidation-thermodynamics and kinetics
The selection of new oxidation-resistant materials
is based on chemical thermodynamics and kinetics.
Chemical thermodynamics is a powerful tool for iden-
tifying the equilibrium phases associated with the ox-
idation kinetics process(es). Chemical thermodynam-
ics can be seen as providing the boundary conditions
for understanding the oxidation kinetics processes. The
thermodynamics-based calculations provided in this
paper are based on the following relation:

�G = �G◦ + R · T · ln(Q) (1)

where �G is the change in Gibbs Free Energy (super-
script refers to standard state) associated with a given
chemical reaction, R is the ideal gas constant, T is the
reaction temperature, and Q is the activity quotient [45,
46]. At the condition of chemical equilibrium, �G is
zero and Equation 1 reduces to:

�G◦ = −R · T · ln(k) (2)
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or,

�G◦ = −2.303 · R · T · log(k) (3)

where k is the reaction equilibrium constant. Gibbs Free
Energies of Formation (FEOF) at standard state (�Go

f )
have been measured, and/or estimated, and tabulated
as a function of temperature for many compounds of
interest [47–50].

3.1. Thermodynamics and condensed
phase equilibria

A stability diagram (Fig. 1) showing regions of metal
and condensed metal oxide equilibria using Equation 3
was constructed for the elements Be, Y, Hf, Ta, W, Re,
and Ir. These elements were selected as the most re-
fractory representatives of their respective columns or
groups in the periodic chart of elements. The diagram
provides the metal-metal oxide equilibria as functions
of temperature and oxygen pressure, Po2. Each metal
is stable below its respective metal-metal oxide equilib-
rium line, while the condensed oxide is stable above the
equilibrium line. This diagram allows the generalized
hypersonic environment to be directly compared with
the metal-metal oxide stability regions.

The FEOF data for BeO, HfO2, Ta2O5, and Re2O7
were taken from Schick [47], for WO3 from “JANAF”
[48] , for Y2O3 from Pankratz [49], and for IrO2 from
Knacke [50]. As necessary, FEOF were extrapolated
linearly from the highest temperature data available.
For Y2O3, WO3, Re2O7, and IrO2, the data were ex-
trapolated above 1723, 2723, 361, and 1027◦C, respec-
tively, to compare with the hypersonic vehicle environ-
ment. Multiple condensed oxides exist and were con-
sidered for W (WO2 and WO3) and Re (ReO2, ReO3,
and Re2O7). For both metals, the suboxides (WO2,
ReO2, and ReO3) decompose below 1500◦C and were
neglected.

The hypersonic environment envelope divides the di-
agram of Fig. 1 into three distinct groups of elements.
The first group includes noble metals, such as irid-
ium (Ir), for which the metal is the equilibrium con-
densed phase in the hypersonic environment. Since a
condensed oxide does not form, mass loss from Irx Oy

Figure 1 Metal-metal oxide condensed phase equilibrium diagram.

vapor species must be considered. Oxidation mass loss
rates for Ir are extremely low [51–53]. Other possible
noble elements include rhodium, platinum, palladium,
osmium, ruthenium, gold, and silver, which are not
shown. Osmium and Ru exhibit very high mass loss
rates in oxidizing environments [53]. Of the remain-
ing elements, only iridium, and possibly rhodium, have
melting points high enough to be considered for hy-
personics applications. They should be considered for
development but are not discussed further in this paper.

The second element group shown in Fig. 1 includes
those elements which form condensed oxides in the hy-
personic environment, but the oxide melting point is be-
low the 2000◦C upper use temperature. These elements
include tantalum, tungsten, rhenium, and by analogy,
aluminum, titanium, molybdenum and all other group
Vb (vanadium, niobium) and VIIb (manganese, tech-
netium) elements. Since the oxides of these elements
have relatively low melting points and melt viscosities,
aerodynamic shear forces would remove them quickly
and high ablation rates would be observed. In addition
to the low oxide melting point limitation, these metals
oxidize and experience high mass loss rates (from ox-
idative vaporization) at modest to high temperatures.
Oxidation rates for Ta and W (as well as for Nb and
Mo) have been reviewed by Kofstad [54]. High oxida-
tion rates for Re in air are reported in the 300 to 1500◦C
temperature range [55, 56].

The third group, hafnium (Hf), yttrium (Y), and
beryllium (Be), includes those elements which exist
only as solid, condensed oxides throughout the hyper-
sonic environment. Although only these three elements
are shown, the result may be generalized to include
zirconium, chromium, silicon, scandium, and the rare
earth metals. Silicon is also included in this group be-
cause of the high viscosity of the molten oxide. Since
these elements have melting points near to or lower than
2000◦C, they have to be used as refractory compounds
(silicides, borides, carbides, nitrides, etc.).

Thus, initial candidate hypersonic materials include
noble, refractory metals (Ir and/or Rh), and compounds
(based on Zr, Hf, Be, Si, Y, Sc, and rare earths) which
form refractory oxides.

3.2. Oxidation kinetics
While equilibrium thermodynamics provides an impor-
tant foundation for materials selection, a second foun-
dation is oxidation kinetics. For hypersonic applica-
tions, materials with a low oxidation rate are required.
The need for higher temperature gas turbine materi-
als has motivated significant investigations into very
low oxidation rate materials. As shown in Fig. 2, Zr
and Hf exhibit relatively high oxidation rates, while
the most slowly oxidizing materials at high tempera-
tures are those which form scales composed of pure
SiO2, Al2O3, Cr2O3, or BeO [57–64]. Above approx-
imately 1100◦C, SiO2 scale-forming materials (SiC,
Si3N4, MoSi2, and possibly other silicides) have the
lowest known oxidation rates [65, 66]. Beryllides (e.g.,
Ta2Be17 and ZrBe13) have very low oxidation rates up
to 1250◦C, but the rates increase rapidly with tempera-
ture [62, 63].
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Figure 2 Parabolic oxidation rate constants for various metals and com-
pounds.

3.3. Thermodynamics and vapor
phase equilibria

Equation 3 may also be employed to construct diagrams
of the vapor pressures of metal and metal oxide gaseous
species as a function of oxidant pressure. Such a vapor
phase diagram [67, 68], or volatility diagram, for the
silicon-oxygen (Si-O) system at 2227◦C is shown in
Fig. 3. The vertical dashed line, at an oxygen pressure
(Po2) of 3.0×10−5 Pa, is the equilibrium line defined
by the reaction:

Si(c, l) + O2(g) → SiO2(l) (4)

and separates the diagram into the two regions in which
condensed Si and SiO2 exist. Unit activity is assumed
for both Si and SiO2, which is typical for this type
diagram. Other lines show the vapor pressures of the Si-
O gaseous species (Si, Si2, Si3, SiO, SiO2) as a function
of Po2. The diagram may be seen as a schematic of the
vapor pressure changes from the external surface of the
SiO2 scale (right side of diagram) on oxidized Si, to the
interior of the Si (left side of the diagram).

It should be noted that the vapor pressures are highest
at the Si-SiO2 interface (SiO vapor) and not at the exte-
rior surface of the SiO2. This high interfacial vapor pres-
sure limits the use temperature of SiO2-forming mate-

T ABL E I Calculated vapor pressures for oxides

Dominant log PMOx log PMOx

Condensed Oxide Melt temp vapor species at 1727◦C at 2227◦C Temp (deg C) Temp (deg C)
Material oxide type (deg C) (at Interface) (Pa) (Pa) for P = 10−4Pa for P = 105Pa

O2 Barrier matls
Be BeO Crystalline 2550 Be 2.85 4.43 820 2495
Si SiO2 Amorphous 1725 SiO 4.5 6.06 750 1865
Al Al2O3 Crystalline 2040 Al, Al2O 2.87 4.42 800 2490
Cr Cr2O3 Crystalline 2300 Cr 2.14 3.9 970 2690
B B2O3 Amorphous 450 B2O3, B2O2 4.11 5.88 800 1950

Scale structures
Be BeO Crystalline 2550 Be 2.85 4.43 820 2495
Sc Sc2O3 Crystalline 2400 Sc 2.02 3.8 950 2750
Y Y2O3 Crystalline 2430 Y 0.626 2.63 1120 3330
Zr ZrO2 Crystalline 2700 ZrO −2.18 0.926 1520 3640
Hf HfO2 Crystalline 2800 HfO −2.58 0.506 1570 3670
Ta Ta2O5 Crystalline 1890 TaO2 −1.92 0.926 1490 3730

Figure 3 Volatility diagram for Si-SiO2 system at 2227◦C.

rials. The SiO2 scale is continuously ruptured when the
interfacial (SiO) pressure exceeds ambient pressure and
the scale loses its protective capability. At this condi-
tion, the SiO2 scale is consumed via the reaction:

Si(l) + SiO2(l) → 2SiO(g) (5)

The SiO(g) diffuses outward from the base of the porous
SiO2(l) scale and reacts with O2(g) to form SiO2(l),
either within the scale or as smoke outside the scale
[68]. If the SiO2 scale is entirely consumed (or if not
formed initially), oxidation proceeds via the reaction:

Si(l) + 1/2O2(g) → SiO(g) (6)

The conditions represented by reactions (5) and (6)
yield rapid oxidation of the Si. Wagner first showed that
the transition between the rapid, (active) oxidation of
Si(c,l) which occurs via reaction (6) and the slow (pas-
sive) oxidation via reaction (4) was governed primarily
by the thermodynamics of the system [69]. Gulbransen
includes reaction (5) in his description of active oxida-
tion [68], although other researchers have restricted the
term to describe the effect of reaction (6) only [70, 71].

The maximum in PSiO at the Si-SiO2 interface uni-
formly increases with temperature. The calculated SiO
interfacial vapor pressure exceeds 1.01 × 105 Pa at
1865◦C as shown in Table I.
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Gulbransen et al. [72] confirmed the active-passive
transition boundary line for elemental Si in the 1100 to
1300◦C temperature range. Extrapolating these exper-
iments to air at 1.01 × 105 Pa yields the onset of active
oxidation of Si at 1660◦C.

Interfacial vapor pressures have also been calculated
for the Si compounds of interest. For SiC, interfacial va-
por pressures have been calculated assuming the bound-
ing cases of unit Si and unit C activity. These activity
values result in 1.01 × 105 Pa interfacial pressure (sum
of all vapor species) at temperatures of approximately
1800 and 1515◦C, respectively. Calculations for Si3N4
yield a 1.01 × 105 Pa interfacial pressure at 1790◦C for
the case of unit Si activity. For MoSi2, 1.01 × 105 Pa in-
terfacial vapor pressure is predicted to occur at 1850◦C
for the case of unit Si activity [73]. Experimental data
for these three SiO2-forming compounds have shown
reasonable agreement with predictions [74–77].

It is not clear that the equilibrium interfacial vapor
pressure for any pure SiO2-forming compound can be
low enough to significantly increase the use tempera-
ture above approximately 1800◦C (Jacobsen [65] has
set the temperature limit at approximately 1725◦C).
Improved performance appears to be possible only by
reducing the Si activity. This path, however, is limited
since a lower Si activity will introduce additional
components to the oxide scale and compromise the
protective capability of pure SiO2. It is emphasized
here that this approximate 1800◦C temperature limit
is based on thermochemical quantities, and not on
oxidation kinetics.

It is conceivable that the other slow-growing oxides
(based on Al, Cr, and Be) could have interfacial vapor
pressures that are lower than for Si at high tempera-
tures. Volatility diagrams for the Al-Al2O3, Cr-Cr2O3,
and Be-BeO systems at 2227◦C are shown in Figs 4–6,
respectively (“JANAF” thermodynamic data [48] were
used for all three metals). The diagrams reveal that the
highest vapor pressures for these systems also exist at
the metal-oxide interface. The vapor pressures for Al,
Cr, and Be reach 1.01 × 105 Pa at 2490, 2690, and
2495◦C, respectively. The vapor pressures were also
computed as a function of temperature and are summa-
rized in Table I.

However, oxidation studies for materials based on
these metals or compounds have revealed lower tem-

Figure 4 Volatility diagram for Al-Al2O3 system at 2227◦C.

Figure 5 Volatility diagram for Cr-Cr2O3 system at 2227◦C.

Figure 6 Volatility diagram for Be-BeO system at 2227◦C.

perature limits than those imposed by the 1.01 × 105

Pa interfacial pressure. In isothermal oxidation of Cr
at 980◦C, an oxide scale was grown separated from
the metal surface [78]. The scale grew by metal vapor
transport from the oxide-free metal surface to the inte-
rior of the detached scale. Both Cr and Al have exhibited
similar oxide scale disruption resulting from the high
metal vapor pressures beneath the scale [79]. Oxidation
data for beryllides show that protective scales have not
been observed above 1650◦C [80]. An interfacial vapor
pressure of 10−4 Pa has been reported to be sufficient to
disrupt protective oxide scale formation [68, 77]. Table
I also provides the calculated temperatures for which
the interfacial vapor pressure is 10−4 Pa. It is noted that
these temperatures, 750◦C for Si up to 970◦C for Cr,
are very low relative to the desired 2000◦C capability.

The SiO2-forming materials may be operated up to
a 1.01 × 105 Pa interfacial vapor pressure (1800◦C),
yet Cr2O3-formers show unusual oxidation scaling be-
havior even at the interfacial pressure of 10−4 Pa (at
980◦C). This may be explained, in part, by the dif-
ferences in the mass transport mechanisms of the con-
densed oxides. The growth of SiO2-scales has been cor-
related to the transport rate of molecular oxygen (O2)
[65, 66, 80, 81]. The open structure of SiO2 glass also
allows oxidation products (SiO, CO) at modest pres-
sures to move outward without failure of the protec-
tive scale. Only when the interfacial pressure of these
product species approaches 1 atm (or a lower pressure
ambient environment for hypersonic applications), the
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Figure 7 Arc-heater and furnace oxidation scale thickness versus tem-
perature results for ZrB2-SiC.

system experiences disruptive degradation of the pro-
tective scale. For Al, Cr, and Be, the oxide scale is
crystalline, which generally allows only ionic transport.
For these metals, oxide scale growth includes, as a sig-
nificant diffusion mechanism, metal cations diffusing
outward from the metal-oxide interface to the oxide
scale outer surface. Since molecular vapor species do
not diffuse easily through a compact oxide scale, the
scale is disrupted at relatively low vapor pressures. By
this reasoning, materials that form a glass component
in the scale are better choices for high temperature en-
vironments since they are more structurally tolerant of
high interfacial vapor pressures.

Figure 8 Microstructure and elemental distribution in ZrB2-SiC ceramics furnace-oxidized at 1600◦C for 2 h.

4. Theoretical aspects of the oxidation
of boride materials

The UHTC materials based on mixtures of the ZrB2
or HfB2 and SiC have exhibited relatively good oxi-
dation behavior in arc-heater testing up to the melting
points of the base materials. Additionally, the oxidation
data shown in Fig. 7 [82] do not reveal a catastrophic
increase in oxidation rate from increasing interfacial
vapor pressures.

Fig. 8 shows a Scanning Electron Microscopy
(SEM)/Energy Dispersive Spectroscopy (EDS) analy-
sis of the oxide scale cross-section on a ZrB2 + 20 vol%
SiC ceramic sample after furnace oxidation at 1600◦C
in air for 2 h. The backscatter image reveals the two
phases (ZrB2, SiC) in the unoxidized zone at the bot-
tom of the photo. The EDS analysis reveals the presence
of Zr and Si through the base material (the distribution
of B and C were not conclusively identified by this EDS
analysis). In the oxidized regions (four upper zones of
the photo), Zr is the dominant element at the base of
the scale, while the Si is the dominant element at the
scale surface.

Volatility diagrams provide insight into the oxida-
tion response of these ZrB2 + 20 vol% SiC materi-
als. The diagram for the B-B2O3 system at 2227◦C is
shown in Fig. 9. The system is unique for the lack of
a peak pressure at the B-B2O3 interface, and for the
constant pressure through the oxide scale, compared to
the Si-SiO2, Al-Al2O3, Cr-Cr2O3, and Be-BeO systems
(Figs 3–6).

The volatility diagram for the Zr-ZrO2 system at
2227◦C is shown in Fig. 10. The diagram is very similar
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Figure 9 Volatility diagram for B-B2O3 system at 2227◦C.

Figure 10 Volatility diagram for Zr-ZrO2 system at 2227◦C.

to that for Si-SiO2 (Fig. 3), but exhibits significantly
lower vapor pressures for all species. The maximum va-
por pressure is found at the metal-metal oxide interface,
but is of the order of 10 Pa compared to approximately
106 Pa for the Si-SiO2 interface.

A combined volatility diagram of the Zr-ZrO2, Si-
SiO2, and B-B2O3 systems at 2227◦C is shown in
Fig. 11. The vapor pressure magnitudes will differ for
the ZrB2 + 20 vol%SiC ceramics since unit activities
are assumed for the calculation shown by Fig. 11.

The diagram reveals significant insights into the be-

Figure 11 Combined volatility diagram for Zr-ZrO2, Si-SiO2, and B-
B2O3 systems at 2227◦C.

havior of these materials. The vapor pressures asso-
ciated with Zr (and Hf) are low enough to sustain an
adherent oxide scale, which is confirmed by arc-heater
testing. The pressures associated with B2O3, although
high, will be significantly lower due to the reduced
B activity in the ZrB2 or HfB2 [83]. In addition, in
a temperature gradient environment, such as in an arc-
heater test (815◦C gradients have been measured across
a 2.5 mm scale thickness [82]) or on a hypersonic
leading edge, the B2O3 vapor pressure will continu-
ously decrease from the scale surface inward. Boria
evaporation will then occur from the outer surface and
will not catastrophically disrupt the oxide scale. Due
to these temperature and pressure gradients, oxidation
rates in arc heater testing are significantly lower, by up
to 90% at 2200◦C, than those measured using RF heat-
ing techniques [16, 19, 21]. This significant difference
is also expected between arc-heater testing and furnace
testing.

The substantial temperature and Bx Oyvapor pressure
gradients through the scale promotes the retention of
liquid B2O3 in the scale even to very high surface tem-
peratures. Additionally, the B2O3(l) wets the ZrO2 scale
and persists due to the high surface energy of ZrO2. At
1400◦C, 10% of the B2O3(l) formed is retained in the
scale on pure ZrB2 [84]. For the ZrB2-SiC ceramics,
this retained B2O3 content is much higher due to for-
mation of borosilicate glass.

Gaseous SiO forms at the scale interface from SiC
and migrates outward. Since O2 pressure also increases
outward, SiO re-oxidizes to form condensed SiO2 at the
exterior of the scale where it combines with B2O3 to
form borosilicate glass. Since the B2O3 preferentially
evaporates from the scale surface, the outer glass be-
comes enriched with SiO2. The ZrO2 skeleton provides
a framework for the glass to be retained and not removed
by shear forces. The application use temperature of this
materials system appears to be limited by melting of the
oxide scale and/or the base material than by disruptively
high interfacial vapor pressures [19, 21, 82]. Thus, these
ZrB2-SiC (and HfB2-SiC) UHTC materials provide rel-
atively good oxidation resistance by forming thermo-
dynamically compatible oxide scale components. This
scale system mitigates the effects of, or recovers from,
high interfacial vapor pressures.

However, the protection gained by the formation of
the exterior SiO2 layer also provides the condition for
PSiO to increase and become disruptive. As the SiO2-
rich glass increases in thickness, O2 transport decreases,
O2 pressure beneath the glass layer decreases, and
PSiO increases until the glass layer is ruptured. New
formation of SiO2 from SiO vapor suggests a cyclic
protective/non-protective scale-forming sequence. A
semi-protective scale should result, and this mechanism
change in oxidation kinetics should be observed above
the SiC-SiO2 active-passive transition temperature. It
is not clear that this cyclic, semi-protective oxidation
behavior has been observed to-date.

The correlation between oxidation kinetics and oxy-
gen transport mechanisms is not fully understood at this
time. Up to approximately 1200◦C, the parabolic rate
constants for the oxidation of ZrB2 vary linearly with
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Po2, which affirms that molecular O2 transport through
the B2O3 glass is the rate limiting step. Above 1200◦C,
the rate constants exhibit no dependence on Po2, which
is expected if oxygen transport through ZrO2 is the
rate limiting step [79]. The addition of SiC has the
effect of increasing the temperature for which glass
transport properties provide the rate limiting step. The
role of oxygen transport through the crystalline ZrO2
skeleton in ZrB2 + SiC materials is not clear at this
time.

Compositional variations, which form glasses that
are stable to higher temperatures, and have low O2
diffusion rates and low vapor pressures, could further
improve the oxidation resistance of these materials.
Glasses have been identified which are composed of
refractory oxides (La2O3, ZrO2, ThO2, Ta2O5, TiO2,
WO3, and B2O3) [85]. It is recommended that new
UHTC materials which exploit these glass-forming
compositions be investigated.

Compositional variations, which reduce oxygen
transport through the skeleton phase, may improve the
oxidation resistance as well. It is known that addi-
tions of higher valence metals into the ZrO2 lattice
will reduce oxygen vacancy concentration and diffu-
sion [79]. The pyrochlore phases associated with ZrO2
and rare earth oxides are also known to exhibit signif-
icantly lower oxygen diffusion than ZrO2, as shown in
Figs 12 and 13 [86, 87]. The in-situ formation of py-
rochlore phases in UHTCs, and subsequent oxidation
behavior, has not been investigated. It is recommended
that new UHTC materials with rare earth additions be
investigated. Vapor pressures at the metal-metal oxide
interface are compared in Table I for potential skeleton
phase-formers including Zr, Hf, Sc, Y, Be, and Ta. Ma-
terials forming HfO2 and ZrO2 are the best materials
from this interfacial vapor pressure criterion.

The carbides and nitrides of Zr (and Hf) are inferior to
the diborides in oxidation behavior. Arc-heater testing
of the carbides of Zr and Hf has been conducted at tem-
peratures of 2400 to 2700◦C with exposure times of 30
to 180 s in a gas environment replicating stoichiometric

Figure 12 Oxygen diffusivity for ZrO2-rare earth oxide ceramics.

Figure 13 Oxygen permeability constants for oxide ceramics with py-
rochlore structure.

hydrocarbon combustion [88]. A polished cross-section
of HfC oxidized in arc-heater testing at 2700◦ for 30 s is
shown in Fig. 14, revealing the porous oxide scale [89].
Vapor pressures for CO formed at the ZrC-ZrO2 and
HfC-HfO2 interfaces have been calculated and exceed
1.01 × 105 Pa at 1730◦C for both systems [90]. Thus,
the carbides of Zr and Hf are compromised by the high
vapor pressures formed at the oxide-carbide interface.
The formation of porous scales was similarly observed
for the nitrides.

The formation of Zr and Hf oxycarbide intermediate
phases in the ZrC-ZrO2 and HfC-HfO2 systems have
been reported, as the primary oxygen barriers [91, 92]
and as stable phases in themselves [93, 94]. Hafnium
carbide was reported as exhibiting superior oxidation
resistance to HfB2 at 1400 to 2100◦C [91], but is based
on furnace testing which biases the results unfavorably
against the borides, as discussed previously. Stable oxy-
carbide phases have been reported for some rare earth
metals, which suggests that rare earth additions may
be employed to stabilize the oxycarbide phase in the
scale. It is suggested that scandium (or ScC1−x ) be in-
vestigated since Sc has the same atomic radius as Zr
or Hf and should exhibit high solubility into the base
materials ZrC or HfC. Carbon interlayers, forming be-
tween the oxide and the base material, have also been
reported for these carbides [95, 96].

Finally, the carbides are vulnerable to forming a
powdery and non-adherent oxide scale below approxi-
mately 1700◦C, which has been attributed to an inabil-
ity to sinter at these temperatures [29, 97, 98]. Sintered
and zone-melted samples exhibited low-temperature
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Figure 14 Microstructure (polished cross-section) of HfC arc-heater-
oxidized at 2700◦C for 30 s.

catastrophic oxidation [30], while chemically vapor
deposited (CVD) materials have exhibited protective
scale formation [91]. The nature of the low tempera-
ture oxidation vulnerability is not understood at this
time.

5. Oxidation studies—Glass scale
modification

Oxidation behavior of non-oxide ceramics depends
highly on the properties of the oxidation product and
on the combination of physical and chemical pro-
cesses taking place on the surface exposed to oxygen-
containing atmosphere. In general, the chemical com-
position and structure of an oxidized surface define the
oxidation stability of a ceramic material. Modification
of the chemical composition of the oxide surface layer,
leading to decreased inward diffusion of oxygen, is one
of the efficient ways of controlling oxidation resistance
of non-oxide ceramics. This modification can be ac-
complished by changing the bulk composition, or the

surface of ceramics using CVD, ion implantation, “pack
cementation”, and other methods.

For example, the oxidation resistance of ZrB2 ce-
ramics was significantly improved by modifying the
bulk composition with SiC leading to the formation of
a protective surface layer of borosilicate glass during
exposure to an oxygen-containing atmosphere [18, 20,
33, 34, 39, 84]. The research conducted at NSWCCD
showed that a further improvement of the oxidation per-
formance of ZrB2-SiC ceramics (up to 1600◦C to-date)
can be accomplished by the addition of CrB2, TiB2,
TaB2, NbB2, and VB2 [99]. Oxidation of the modify-
ing diborides resulted in the formation of correspond-
ing oxides in the surface borosilicate glass. It should be
emphasized that the oxidation resistance of all of the
modifying diborides (alone) is much lower than that of
the ZrB2 and HfB2 ceramics [14, 22].

It is known from the literature that borate and sili-
cate glasses containing Group IV-VI transition metal
oxides show strong tendency to phase separation (im-
miscibility) [100]. Systems exhibiting immiscibility are
characterized by steeply rising liquidus temperatures
and increased viscosity. An increase in the viscosity
decreases the oxygen diffusion rate through the oxide
surface scale based on the Stokes—Einstein relation-
ship [101], which shows that diffusivity is inversely
proportional to viscosity. Another potential benefit of
increased viscosity as well as increased liquidus tem-
perature is the suppression of boria evaporation from
the glass. The oxide effectiveness in enhancing im-
miscibility increases with increasing metallic element
cation field strength, z/r2, where z is the valence and
r is the ionic radius [100–103]. Since the cation field
strengths of Ti, Nb, Ta, Mo, Cr, and V are higher than
that of Zr, these elements can be effective in promot-
ing phase separation of the borosilicate glass formed on
the surface of the ZrB2-SiC ceramics. The concept of
phase separation as a controlling factor in the oxidation
protection of non-oxide ceramics is unique and has not
been discussed in the literature.

The modifying diboride additives were introduced
into the ZrB2-SiC ceramics in the amounts of 2–
20 mol% as a substitution for ZrB2. The molar ratio
of ZrB2 to SiC in all materials was maintained at 2
(25 vol% SiC). The ceramics were prepared by hot
pressing starting mixtures, consisting of ZrB2, SiC, and
modifying additives, at 2100◦C and 20 MPa for 0.5 h.
Oxidation experiments were conducted by heating the
samples in a furnace in air at 1200–1600◦C, typically
for 2 h. The samples were placed into the furnace at
the test temperatures and then air quenched after the
hold. Quenching of the samples was conducted to re-
tain the high temperature condition of the surface layer
for analysis. Additionally, the oxidation of the sam-
ples was characterized by thermal gravimetric analysis
(TGA) during 5 h isothermal heating at different tem-
peratures in the air-simulating oxygen/argon mixture.
The composition and structure of the surface and cross-
section of the oxidized ceramics were evaluated using
X-ray diffraction (XRD), SEM, and EDS.

Fig. 15 shows the results of isothermal (5 h) TGA
heating at 1300◦C of ZrB2-SiC ceramics modified with
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Figure 15 Isothermal TGA oxidation at 1300◦C of ZrB2/SiC ceramics
modified with 10 mol% CrB2, TiB2, NbB2, VB2, and TaB2.

10 mol% of CrB2, NbB2, TaB2, TiB2 and VB2. The
presence of the corresponding oxides in the oxidized
surface layer improved the oxidation performance of
the baseline material. The lowest weight gain during ox-
idation was observed for the ceramics containing TaB2.
The thickness of the oxidized layer of this sample was
less than half of that for the baseline material [99]. The
weight gain decreased in the sequence of the modifying
additives: CrB2, TiB2, NbB2, VB2, and TaB2, correlat-
ing well with the cation field strength for Cr+3, Ti+4,
Nb+5, V+4, and Ta+5 [99].

Figure 16 SEM micrographs of the surface of oxidized ZrB2-SiC ceramics modified with: (a) TaB2,(b) CrB2, (c) NbB2, and (d) VB2.

SEM studies showed the evidence of high-
temperature phase separation on the surfaces of all the
modified samples after both TGA and furnace oxida-
tion tests. Fig. 16a shows the surface of the sample
containing 10 mol% TaB2after the TGA oxidation test.
The presence of large (more than 100 µm) droplets
of borosilicate glass periodically distributed in a par-
tially crystallized glassy matrix is an indication of high
temperature glass phase separation. The matrix glass is
enriched with Zr and Ta (from the EDS analysis data).
X-ray diffraction of the whole surface of the oxidized
sample showed the presence of ZrO2 along with a small
amount Ta Zr2.75O8 with melting temperature above
1700◦C.

The CrB2-containing ceramics (Fig. 16b) exhibited
multiple phase separation after furnace oxidation at
1500◦C, with shells around chromium-rich droplets
which is the consequence of incomplete diffusion dur-
ing cooling. A periodic pattern of crystals on the surface
of ceramics modified with NbB2 (Fig. 16c) implies the
existence of glasses of different compositions at the test
temperature. X-ray diffraction analysis of the surface
showed that the crystalline phase is Nb2Zr6O17 with a
melting temperature about 1500◦C. The glassy phase
contains only small amounts of Nb and Zr (from EDS
analysis). The presence of glass immiscibility is also
observed on the surface of the ceramics modified with
5 mol% VB2 after TGA oxidation at 1300◦C (Fig. 16d).
Circular microcracking around droplets in this sample
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Figure 17 Isothermal TGA oxidation at 1300◦C of TiB2 and TiB2-SiC
ceramics modified with 20 mol% ZrB2, CrB2, NbB2, and TaB2.

can be attributed to compositional differences resulting
in thermal expansion coefficient mismatch and leading
to the development of strain and cracking during cool-
ing. X-ray diffraction showed the presence of V7O13 in
addition to ZrO2 on the surface of the oxidized VB2-
containing sample.

The discovered correlation between oxidation resis-
tance of ZrB2 and the presence of phase separation in
the surface protective glass was successfully applied
to improve the oxidation performance of CrB2, TiB2,
TaB2, NbB2, ZrB2-Si3N4, Ti3SiC2,and Si3N4 ceram-
ics. The major results for the TiB2, Ti3SiC2, and Si3N4
ceramics are discussed below.

The oxidation behavior of the TiB2 ceramics modi-
fied with SiC and 5–20 mol% CrB2, NbB2, TaB2, and
ZrB2 was evaluated [104]. The ceramics were prepared
by hot pressing starting mixtures consisting of TiB2,

Figure 18 Optical micrograph of the surface of TiB2-SiC ceramics containing 20 mol% CrB2 after oxidation at 1200◦C for 2 h.

SiC, and diboride modifiers at 2100◦C and 20 MPa for
0.5 h. Both furnace heating and TGA were used to char-
acterize the oxidation resistance of the ceramics. The
data show that the TiB2-SiC ceramics containing TaB2,
NbB2, and CrB2 have the best oxidation performance at
all temperatures and additive contents. Fig. 17 presents
the results of isothermal TGA heating at 1300◦C. The
addition of ZrB2 led to the decrease in oxidation resis-
tance, especially, at 20% loading.

The effect of additives on the oxidation resistance of
TiB2 ceramics correlates with the cation field strength
values for the elements being highest for Ta and Nb.
The presence of Zr+4 oxide, with cation field strength
lower than that of Ti+4, led to the low protecting capa-
bilities of the surface glass. If the rule of mixtures, not
cation field strength of elements, was a controlling fac-
tor in the properties of surface glass and its protective
capabilities, the improvement in the oxidation behavior
of TiB2-SiC ceramics could be expected with the intro-
duction of ZrB2, having the highest oxidation resistance
of all the studied diborides. The optical micrograph of
the surface of the CrB2-containing ceramics (Fig. 18)
clearly shows the immiscibility of the glass with the
Cr2O3-rich green areas and TiO2-rich brown areas.

The Ti3SiC2 ceramics recently attracted considerable
attention because of their unique microstructure result-
ing in the exceptional combination of properties such
as a high melting point, high fracture toughness and
thermal shock resistance, plasticity at elevated temper-
atures, high modulus, low hardness, easy machinability,
and self-lubrication [105–107]. These properties make
the Ti3SiC2 ceramics of very high practical importance
in numerous applications. However, these ceramics ex-
perience significant oxidation at temperatures above
1000◦C preventing their high-temperature application
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in oxidizing environments. The modification of the ce-
ramics with 10 mol% of TaB2, ZrB2, CrB2, NbB2, and
VB2 was undertaken to create phase-separated borosil-
icate glass on the surface of the ceramics and, thus,
increase their oxidation resistance.

The Ti3SiC2 ceramics were synthesized and densi-
fied by reactive hot-pressing at 1500◦C and 20 MPa for
1 h in He using the novel displacement reaction:

Ti5Si3 + 4TiC + 2C → Ti3SiC2

The additives were introduced in the starting Ti5Si3-
TiC-C mixtures. The samples were oxidized during air-

Figure 19 SEM micrographs of the fracture surface of Ti3SiC2 ceram-
ics: (a) baseline Ti3SiC2 and (b) Ti3 SiC2 modified with 10 mol% TaB2.

Figure 20 Oxidation of Ti3SiC2 ceramics modified with 10 mol% TaB2,
ZrB2, CrB2, TiB2, and NbB2 during furnace heating for 2 h.

furnace heating at 1000 to 1500◦C, typically for two
hours. The hot-pressed ceramics were fully dense and
contained Ti3SiC2, small amounts of TiC, and addi-
tional phases associated with the additives. The SEM
micrographs (Fig. 19a) show the presence of high as-
pect ratio plate-like grains, which define the mechani-
cal behavior of the ceramics [105–107]. The additives
(TaB2 in Fig. 19b) did not noticeably change the mi-
crostructure of the baseline material.

The unmodified ceramics started to oxidize substan-
tially at 1100◦C (Fig. 20). Of all the diboride additives,
NbB2 and, especially, TaB2 significantly improved the
oxidation behavior of the ceramics. After 2 h oxida-
tion at 1400◦C, the weight gain was 430 g/m2 for the
baseline ceramics compared to 60 g/m2 for the ceram-
ics containing 10 mol% TaB2. After heating at 1300◦C
the thickness of the oxidized layer was about 250 and
50 µm for the baseline and 10 mol% TaB2—modified
ceramics, respectively.

The microstructure of the oxidized surfaces of the
baseline and TaB2-modified ceramics (Fig. 21) is no-
tably different. A bimodal distribution of the TiO2 crys-
tals with significantly different morphology and size is
observed in the TaB2-containing sample. The bimodal
distribution and clustering of these crystals are proba-
bly an indication that crystallization occurred from im-
miscible glasses of different composition during high-
temperature exposure. The pronounced effect of TaB2
and NbB2 forming corresponding oxides in the glass is
related to the highest cation field strength of Nb and Ta
compared to all other elements tested.

Silicon nitride is one of the most promising candi-
dates for high-temperature structural applications, such
as hot section components for advanced gas turbines
and high-efficiency microturbines. High-temperature
applications of Si3N4 ceramics depend, to a very high
degree, on their behavior in corrosive environments
and, primarily, on their resistance to oxidation. The
effect of transition-metal diborides (CrB2, TaB2, and
ZrB2) was studied on the oxidation behavior and mi-
crostructure of oxidized Si3N4 ceramics containing 5
wt% Y2O3 and 2 wt% Al2O3 as sintering aids [108].
The ceramics were hot-pressed at 1825◦C and 20 MPa

5899



ULTRA-HIGH TEMPERATURE CERAMICS

Figure 21 SEM micrographs of the surface of Ti3SiC2 ceramics after oxidation at 1200◦C for 2 h: (a) baseline Ti3SiC2 and (b) Ti3SiC2 modified
with 10 mol% TaB2.
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Figure 22 Oxidation of Si3N4 ceramics modified with 10 mol% ZrB2,
TaB2, and CrB2.

Figure 23 SEM micrographs of the surface of Si3N4 ceramics after oxidation at 1550◦C for 2 h: (a) baseline Si3N4 and (b) Si3N4 modified with 5
vol% CrB2.

in He for 1 h. The oxidation behavior was characterized
after furnace heating at 1200–1600◦C in air.

Fig. 22 shows that no significant oxidation (weight
change) was observed for any of the materials below
1300◦C. However, above 1350◦C, only CrB2 signifi-
cantly increased the oxidation resistance of the Si3N4
ceramics. The effect of the additives increases with in-
creasing temperature. The SEM observations showed
that the oxidized surface of the CrB2-modified ceram-
ics is almost fully crystallized, while the surface of
the baseline ceramics is covered by a poorly crystal-
lized, phase-separated glass (Fig. 23). The XRD analy-
sis identified α-cristobalite as the only crystalline phase
on the surface of the baseline material. In contrast, yt-
trium disilicate (monoclinic β-Y2Si2O7) together with
a small amount of α-cristobalite were found on the sur-
face of the Cr-containing material. No Cr-containing
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compounds were detected, however, on the surface of
the materials by either EDS or XRD.

It is hypothesized that chromium oxide present in the
glass during oxidation additionally contributes to phase
separation in the glass with the formation of a B-O-Si
droplet phase and a Al-Y-Cr-Si-B-O matrix phase. Ho-
mogeneous nucleation and the formation of Cr2O3 crys-
tallization centers occur in the matrix phase, followed
by the catalytic crystallization of elongated Y2Si2O7
grains, while a small amount of fine cristobalite grains
crystallizes from the droplet phase. The high concen-
tration of Y2O3 · 2SiO2 crystals (melting temperature
1775◦C) on the surface of the Cr-containing ceramics
provides effective oxidation protection during exposure
to oxidizing atmosphere. The highest oxidation resis-
tance was shown by the ceramics containing less than
5 vol% CrB2.

The results of this research clearly showed that the
oxidation resistance of non-oxide ceramics can be sig-
nificantly enhanced by compositional design leading
to the formation of a surface layer of immiscible multi-
component glass. The resulting increased liquidus tem-
peratures and viscosities, as well as decreased oxygen
diffusivities, in the immiscible glasses are considered
responsible for the observed improvement in the oxi-
dation resistance of the ceramics.

The difference in the immiscibility and the corre-
sponding oxidation behavior for different ceramics and
modifying additives is a function of the oxidation state
of elements in a particular glass, which highly affects
their cation field strength and, consequently, the ten-
dency of the glass toward phase separation. For exam-
ple, Cr exhibited different oxidation states depending
on the base ceramic material, and test temperature and
atmosphere (TGA versus furnace oxidation). The pres-
ence of CrO2 was detected in the oxidation layer of
several samples. The effective cation field strength of
Cr+4 is much higher than Cr+3 (1322 compared to 793
nm−2) while that of Ta+5 is constant at 1220 nm−2. This
offers an explanation for the alternating effectiveness of
Ta and Cr modifiers in enhancing oxidation resistance.

6. Conclusions
High vapor pressures at the metal-metal oxide inter-
faces of the slow-growing oxides (SiO2, Al2O3, Cr2O3,
BeO) are disruptive at 1800◦C or below. The high in-
terfacial vapor pressures of these systems primarily re-
sult from the system thermochemistry and are only sec-
ondarily dependent on the oxidation kinetics. Among
these oxides, a glass-forming SiO2 scale exhibits sig-
nificantly higher temperature capability, compared to
materials which form a crystalline Al2O3, Cr2O3, or
BeO scale, due to the greater structural tolerance of
glass to high interfacial vapor pressures.

Materials that form a multi-component oxide scale,
composed of a refractory oxide skeleton and an amor-
phous (glass) oxide component, provide good oxidation
performance at hypersonic use temperatures up to, and
above, 2000◦C. This multi-component oxide system is
the only structure known at this time that mitigates,
or recovers from, high interfacial vapor pressures. The

oxidation resistance of ZrB2-SiC and other non-oxide
materials is improved, to at least 1600◦C, by composi-
tional modifications with transition metal additives that
promote immiscibility in the glass component of the
scale. The oxidation mechanisms of materials forming
this scale structure (e.g., ZrB2-SiC) are still not well-
understood despite 40 years of research.
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